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Abstract
There are rather few quantitative data on the microstructure of the 9-12%Cr heat resistant steels after
long-term creep. This paper presents results of the quantitative measurement of the size of MX precipitates,
subgrain size and dislocation density in a P91 steel that had been creep tested for 113,431 h at 600◦C. The
same measurements were conducted in the same P91 steel in the as received conditions.
Transmission electron microscopy investigations were conducted using thin foils and revealed a decrease
in dislocation density and an increase in subgrain size after creep exposure. MX carbonitrides are very
stable during thermal and creep exposure of P91 steel at 600◦C up to 113,431 h.
Electron Backscatter Diffraction (EBSD) investigations also revealed a significant change in the sub-
structure of the steel after creep exposure.
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1. Introduction
9-12% chromium heat resistant steels are used for high temperature applications, in particular in fossil
and nuclear power plants. In service, under high temperature (500◦C-600◦C) there is a microstructural
evolution of these steels such as precipitation of new secondary phases (Laves phase, modified Z-phase),
growth of precipitates and recovery of the tempered martensite matrix. After long-term exposure this
may impair the mechanical properties, including creep strength. A better understanding of the long-term
microstructural evolution under creep or thermal exposure can be a key for the improvement of these heat
resistant steels.
The creep strength of P91 steel combines some solid solution strengthening by Mo atoms as well as
precipitation strengthening by MX precipitates and M23C6 carbides. In the 9-12%Cr tempered martensitic
steels, including P91 steel, carbide-stabilised substructure strengthening is considered as the most significant
creep strengthening mechanism [1], [2].
There are rather few quantitative data [3], [4] on the size of precipitates (M23C6 carbides, Laves phase,
MX) for the Grade 91 steel after long-term creep exposure at 600◦C. Cipolla et al. [4] reported an increase
in the diameter of M23C6 carbides from about 100-120 nm in the as received steel to about 250 nm, as
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well as a mean diameter of about 400 nm for the Laves phases after creep exposure at 600◦C for almost
60,000 h. The growth rate of Laves phases is very high in the first 104h [4], [5]. The evolution of the matrix
substructure (sub-grains, dislocation density) during creep of this steel was scarcely investigated [6], [7], [8].
A preferential recovery of the microstructure in the vicinity of prior austenite grain boundaries was reported
after 34,141h at 600◦C [6], [9], [10]. To the authors’ knowledge there are no quantitative data on the size of
subgrains, dislocation density and MX-type precipitates in the Grade 91 steel after more than 105h of creep
or thermal aging exposure at 600◦C.
P91 steel belongs to the family of 9-12% Cr tempered martensitic steels and similar evolution of subgrains,
dislocation density are expected to happen during long-term creep exposure. The purpose of this paper is
to report quantitative data on the microstructural evolution of this steel during long-term creep exposure
and thus to enrich the scarcely published data on this issue.
Microstructural evolution of a 12%Cr tempered martensite steel (German Grade X20) during long-term
aging and creep was investigated using interrupted creep tests loaded for 12,456h, 51,072h, 81,984h and
139,971h (ruptured) at 550◦C under 120MPa [11], [12], [13]. Coarsening of subgrains, loss of the correlation
between carbides and subgrain boundaries and an increase in the fraction of low-angle boundaries were
reported recently [11], [12], [13]. The interaction between the free dislocations with particles and subgrain
boundaries was described for instance in refs. [14], [15].
The present study is a part of a comprehensive characterization of a P91 steel specimen crept at 600◦C,
80MPa for 113,431h including evaluation of precipitation, subgrain and dislocation density. M23C6 carbides,
Laves phases and Z-phase precipitation as well as creep damage in that specimen were already investigated
using transmission electron microscopy on extractive replicas and scanning electron microscopy [16]. The
equivalent diameter of M23C6 carbides increases from about 150 nm in the as-received state up to 300 nm
after creep. The size distribution of Laves phases after creep exposure was measured and a mean diameter
of 400 nm was observed. Only a few particles of the modified Z-phase after 113,431 h of creep at 600◦C were
reported [16]. Creep damage was observed throughout the gauge area of the specimen, quantitative data on
the size and number of cavities along specimen axis are given in ref. [16]. Compared to the as-received steel
(230 HV0.5), the crept specimen showed a lower hardness of 200 HV0.5 in the gauge area and 220 HV0.5 in
the head of the specimen. The decrease in hardness during both long term exposure to creep and to thermal
aging is an indication of microstructural evolution and creep damage development.
To complete the characterization of microstructural evolution and deformation mechanisms in that spec-
imen, the present study is devoted to both MX precipitates and recovery (change in dislocation density
and/or in sub-grain size) of the tempered martensite matrix, as well as their impact on the creep deforma-
tion resistance.
2. Experimental procedure
2.1. Materials and creep behavior
The P91 steel was delivered by Salzgitter Mannesmann Forschung GmbH as a pipe, 121mm in outer
diameter and 20 mm in wall thickness. The chemical composition (wt.%) is as follows: 0.1C; 0.36Si;
0.41Mn; 0.015P; 0.003S; 0.059N; 0.022Al; 8.43Cr; 0.92Mo; 0.04Cu; 0.068Nb; 0.11Ni; 0.20V. The pipe was
subjected to the following heat treatment: austenitisation at 1050◦C/1h/air cooling followed by tempering
at 730◦C/1h and 750◦C/1 h/ air cooling.
The creep test was carried out at 600◦C under constant load corresponding to an initial tensile stress of
80 MPa. The investigated crept specimen exhibited an elongation of 7.3%, reduction of area of 37% and a
rupture time of 113,431 h.
Creep data in figure 1 show that the minimum strain rate e.g. 1.1×10−5%/h (i.e. 3.06 ×10−11s−1)
is achieved after almost 30,000h (figure 1b) and corresponds to a strain of ∼0.8 % (figure 1c). Thus, this
specimen shows similar minimum creep rate at similar strain and creep time compared to that investigated in
ref. [12] (i.e. X20 steel, 550◦C, 120MPa, fracture time almost 140,000h, minimum creep rate of 3×10−11s−1
at a strain of ∼ 1% , creep time ∼30,000h). Less than 4% of strain was measured after 105h. Due to the
difference in test temperature and chemical composition the underlying microstructural evolution of the two
steels is different (e.g. size distribution of Laves phases at least [12], [16]).
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Figure 1: Long term creep data for the investigated P91 steel specimen (80MPa, 600◦C). a) Creep strain as a function of time;
b) Strain rate as a function of time; c) Strain rate as a function of strain
Figure 2 shows the microstructure of the as received P91 steel, which consists of tempered martensite
with carbides and carbonitrides precipitates. Boundaries between prior austenite grains, packets, blocks,
laths are mainly decorated with M23C6 carbides (M=Cr, Fe, Mo); some of them are underlined with arrows
in Figure 2a. The MX carbonitrides (M=V, Nb and X= C, N) precipitated finely and with a high number
density within the laths. A high dislocation density is observed inside subgrains (figure 2b).
a) b)
Figure 2: Bright-field transmission electron micrographs of the as received P91 steel. Arrows indicate M23C6 carbides (a) and
MX precipitates (b). Some subgrains are underlined with dotted lines in (a).
2.2. Transmission electron microscopy (TEM) investigations
The TEM investigations were performed using a JEOL JEM 200CX equipped with an energy dispersive
X-ray spectrometer (EDS). Thin foils for microstructural investigations after creep test were taken from the
head (examined as a thermal exposed steel) and from the gauge length (examined as a creep deformed steel)
of the specimen at a distance of 20 mm from the fracture surface, well within the homogeneously deformed
part of the specimen. They were electrolytically thinned in a solution of 95% acetic acid and 5% perchloric
acid.
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Quantitative microstructural characterization was realized using the ImageJ 1.38X commercial software.
The MX precipitates and subgrains were manually indicated on TEM bright field images. For illustration
some subgrains are indicated with dotted lines in Figure 2a. Two values of parameters of the MX precipitates
(resp. subgrains) were determined namely the equivalent circle diameter (ECD) and the mean diameter
(D) of precipitates (resp. subgrains) by using the following formulas:
ECD = 2
√
A
pi
; D =
P
pi
(1)
where: A is the precipitate (or subgrain) area and P is the precipitate (or subgrain) perimeter. A shape
coefficient (f) was also calculated for the MX-type precipitates and subgrains:
f = 4pi
A
P 2
(2)
A value of 1 for the shape coefficient indicates a circular shape. For each kind of measurements, about ten
TEM images were used at several magnifications going from ×7,000 and ×10,000 (for subgrain microstruc-
tural characterization) to ×37,000 and ×50,000 (for quantification of MX-type precipitates and dislocations).
The MX-type precipitates were identified using both selected area electron diffraction and EDS. For the ac-
quisition of TEM images used for subgrain characterization, the bright-field image contrast was optimized
to reveal subgrain boundaries instead of revealing dislocations or MX-type precipitates.
The average dislocation density (ρ) within the subgrains (i.e. so-called free dislocations), was determined
using a mean linear intercept method (recommended and first used by [17]) on TEM images with optimized
contrast using the following equation:
ρ =
2X
∑
i
ni
e
∑
i
li
(3)
with e the measured thickness of the thin foil, ni the number of intersections between segment number i
and a dislocation, X a factor introducing the proportion of invisible dislocations of a
2
〈111〉 Burgers vectors
in various reflection conditions (its value was estimated to be 2 for all the TEM images) and li the length
of segment i.
The mean linear intercept method consists in overlapping a grid of horizontal and vertical lines on
subgrains and counting the intersections of dislocations with grid lines. The number of vertical and horizontal
grid lines is adjusted in relation with the size and shape of subgrains in a such way to keep a constant grid
spacing. This method is generally used to evaluate dislocations density, see for instance ref. [8], [15], [18],
[19].
2.3. Electron Backscatter Diffraction (EBSD) investigations
Electron backscatter diffraction (EBSD) maps were acquired from the longitudinal cross-section of the
creep specimen at 20 mm from the fracture surface and from the steel in the as-received condition with
a ZEISS DSM 982 Gemini Shottky field emission gun (FEG) SEM equipped with a Hjelen-type camera
and TSL OIM facilities. Acquisition and indexation of diffraction patterns were realized using dedicated
softwares such as NORDIF 1.3.0 and TSL OIM Data Collection 5.2 respectively. EBSD measurements were
conducted with step size of 40 nm and 150 nm at 20 kV, working distance 19 mm, tilt angle 70◦, aperture
120µm, probe current between 0.1 and 1nA.
The EBSD maps were acquired together with a backscattered electron (BSE) image (taken at 0◦ specimen
tilt), where the contrast is highly sensitive to the crystallographic orientation of the sample normal (i.e. of
the primary electron beam). Laves phases, enriched in Mo, are also clearly visible in the BSE mode as bright
precipitates in a dark matrix thanks to their high average atomic number.
The first map to be obtained is the image quality map, which reports, for each analysis, the ability
of the software to detect the diffraction bands. The brighter the gray level in that map, the better the
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diffraction conditions. Image quality is sensitive to the crystal orientation, as well as to the channelling
effect that yields the BSE image contrast. In addition, image quality is very sensitive to crystal defects such
as dislocations. As soon as dislocations are clustered somewhere, the EBSD pattern quality decreases. Thus,
the image quality map is very sensitive to the presence of boundaries, even for very low angle boundaries
(LABs). Tak et al. [13] investigated the microtexture evolution of a X20 steel after long-term exposure
considering a minimum misorientation angle of 1◦. In our investigated samples the density of LABs with
a misorientation of ∼ 1◦ was so high that we were not able to distinguish true LABs from measurements
artefacts. Thus, a minimum misorientation angle of 2◦ was considered to process the EBSD data.
The inverse pole figure (IPF) map is colour-coded according to the orientation of a given direction of
the sample in the crystal frame. The color key is recalled next to each IPF map. Note that the color is
not sensitive to any rotation about that given direction of the sample, so that two IPF maps are generally
needed to discriminate between grains.
In addition to IPF, one may calculate the misorientation between neighboring pixels and assign a color
code to any pair of pixels whose misorientation meets a given criterion. This helps investigations whether
a boundary imaged in the image quality maps corresponds to a high or to a low misorientation, or even to
negligible misorientation between neighboring crystals. This is particularly useful to investigate subgrain
boundaries. In all maps, the color code for boundaries is recalled according to the misorientation angles.
3. Experimental results
3.1. Transmission electron microscopy investigations
3.1.1. Dislocation density
The dislocation density measured after thermal exposure and after creep deformation is shown in table
1. The values are higher than those found for tempered P91 steel in ref. [8]. Nevertheless, in the crept
material, the dislocation density is about twice lower than that of the as received material (Table 1). Still
a rather high dislocation density can be observed after such a thermal exposure, figure 3.
The dislocation density measured in the crept material is almost ten times higher than that predicted
by the well-known relation of material science (ρ < (σbG)
2
≈ 2.5 × 1013m−2) but corresponds to values of
dislocation density reported for the 9-12%Cr tempered martensitic steel after creep exposure at 600circC-
625circC, [20], [21].
a) b)
Figure 3: Microstructure of (a) the gauge length (creep tested) and (b) the head (thermal exposure) showing dislocations
pinned by MX-type precipitates
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Table 1: Dislocation density measured on TEM thin foils
As-received
After 113431h of creep at 600◦C
Head Gauge length
Dislocation density 4.5 ±1.9× 1014 m−2 2.2 ±1.3× 1014 m−2 1.8 ±1.7× 1014 m−2
The dislocation density of the specimen after thermal exposure is almost the same as in the creep
deformed sample. This suggests that creep deformation in the case of dislocation creep and static recovery
during thermal exposure influenced in the same manner the dislocation density whithin subgrains. This
results strongly differs from that of ref. [12], were a two-fold decrease in dislocation density was found after
thermal exposure and a more than ten-fold after creep. Note, however, that the initial dislocation density
(∼= 1014m−2) was lower and the test temperature also lower than in the present study.
Dislocations whithin subgrains (i.e. mobile dislocations) are carriers of plastic deformation under creep
conditions and the creep rate (ε˙) is a function of the mean dislocation velocity (v) and the density of mobile
dislocations (ρ) as follows [22]:
ε˙ =
ρbv
M
(4)
where b is the Burgers vector andM is a Taylor factor. Considering the minimum creep rate of the specimen
e.g. 1.1×10−7 h−1, the measured dislocation density in the gauge part and b = 0.254nm, M = 3 from ref.
[22], a mean dislocation velocity of 2 ×10−15m/s is obtained. This value is much lower than the dislocation
velocity of 2.3× 10−3m/s evaluated by in-situ TEM observations in a Fe-Mo alloy (<0.001C-1.2Mo-0.02N-
0.4Si, wt. %) at 738◦C, under a stress actiong on dislocations of 5.3MPa [23]. This is probably mainly due
to different testing temperatures and different levels of stress.
The density of mobile dislocations was also used to assess the solid solution strengthening effect of Mo
atoms, by using the formula given in [22]
σ∗ =
Mε˙
ρbB
(5)
where σ∗ is the backstress due to solid solution strengthening; ε˙ is the minimum creep rate and B is the
dislocation mobility. There are several possibilities for assigning a value to B based on the work of Terada
et al. [23] on Fe-Mo alloys. By using their figure 10 for T=600◦C and a Mo content of 0.53 at.% one
gets B=10−16mPa−1s−1 (with the curves corresponding to 0.5 at.%Mo and their numerical simulation) and
B=4 × 10−17mPa−1s−1 (if following the curve corresponding to 2.0 at.%Mo and the experimental value
found for 0.7 at.%Mo). These values can reasonably be taken as two extreme possible values for B after
Terada et al. [23]. This is much higher than the value taken by Hald [22] in his calculations for a P92 steel.
By takingM = 3, ρ = 1.8×1014 m−2, b = 2.54×10−10m and ε˙ = 3.06×10−11 s−1 and the extreme values
of B one finds that σ∗ should range between 2×10−5MPa and 5×10−5MPa. Note that taking for B the same
value as Hald did yields a value of 8×10−3MPa. Thus if following Hald’s approach [22], whatever the value
taken for the density of mobile dislocations (experimental values or above mentioned theoretical value of
2.5× 1013m−2) within the range used here, solid solution strengthening by Mo is found to be negligible and
Mo depletion due to precipitation of Laves phases should not be considered as the major microstructural
evolution affecting creep strength.
However, one must keep in mind that short-term thermal aging (about 104h) is known to decrease the
creep strength of this family of steels [24], while mainly affected by precipitation of dissolved W into Laves
phases [25]. Thus the role of W in the creep resistance is not fully understood. Nevertheless, one has also
to consider two other possibilities for material softening i.e. loss of pining effect by MX precipitates and
subgrains size evolution.
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3.1.2. MX-type precipitates
The MX carbonitrides (M=Nb, V, Cr; X=C, N) are homogeneously distributed within the martensite
laths. The MX carbonitride precipitation only occurs during tempering. The size of MX carbonitrides is
of about 20-40nm. These precipitates are very stable against coarsening at temperatures below 650◦C [26],
[22], [27], [28], yet for exposure time lower than 105h.
In the 9-12% Cr tempered martensite steels there are generally two types of MX precipitates: MX
enriched in Nb with a spherical shape, MX enriched in V with a plate-like shape [18]. Low amount of the
MX particles with a more complex V-wings shape (a Nb-rich particle with V-rich wings) are also observed.
The MX precipitates enriched in Nb (mainly NbC) are very stable at high temperature. It was reported
that in P91 steel the number of these precipitates that are not dissolved after austenitisation decreases with
an increase in the austenitisation temperature [29]. In this study all three types of MX-type precipitates
were quantified together.
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Figure 4: Size distribution of MX precipitates in all three materials from TEM image analysis Experimental results (symbols)
compared with a lognormal fit (lines)
No significant effect of either thermal or creep exposure at 600C for 113,413 h was detected on the
size distribution of MX-type precipitates (Figure 3). The three distributions of particles size were in good
agreement with lognormal curves. The small difference between the three histograms of Figure 4 is the lack of
very fine particles (the lowest ECD value) after creep or thermal exposure. It might be caused by coarsening
of these particles during thermal and creep exposure or by the presence of low amount of modified Z-phase
which was reported in refs. [16] and [30]. Modified Z-phase precipitation may put into solution smaller MX
precipitates [20], [31], [32], this could be a reason why MX precipitates with an equivalent diameter lower
than 15 nm were not observed after creep or thermal exposure. However, in the as received condition the
number density of these MX precipitates is extremely low and after creep exposure the modified Z-phase
was observed in low amounts [16] so that the apparent difference between the three histograms could also
be due to sampling effects. This is also the case for the upper end of the size distribution. Thus, as already
found in literature [16], it can be concluded that modified Z-phase precipitation does not have a significant
influence on the distribution of MX precipitates.
No significant change in the shape coefficient of MX precipitates was detected either after long-term
creep or thermal exposition. The shape coefficient is almost constant, indicating elongated precipitates. In
summary, no significant evolution of MX precipitates was evidenced after long-term creep at 600◦C for this
P91 steel specimen.
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3.1.3. Subgrain size
After creep, most subgrains have a polygonal shape as shown in Figure 5. Significant growth of subgrains
is observed in the gauge part of the specimen (Figures 5b and 6). In the head of the specimen, some growth
was also observed, but not as pronounced as in the gauge part (Figure 6). The size distribution of subgrains
in the as-received steel, in thermally exposed and in creep deformed steel shows that the most significant
growth of subgrains took place in the crept material, which indicates that deformation during the creep test
has a significant influence on the growth of subgrains. This is confirmed by other studies [33], [34].
a) b)
Figure 5: Microstructure of the P91 steel after creep at 600◦C showing polygonised subgrains a) head and b) gauge length
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Figure 6: Size distribution of subgrains in the as received, thermally aged and crept materials (TEM image analysis). Experi-
mental results (symbols) compared with a lognormal fit (lines)
No preferential recovery of the matrix (growth of subgrains) was observed in the vicinity of prior austenite
grains boundaries as reported in ref. [6]. It is to be mentioned that using TEM techniques it is rather difficult
to distinguish prior austenite grain boundaries from block or packets martensite boundaries.
Good agreement was found when comparing the experimental results (ECD) with the evolution law of
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subgrain sizes in the same manner as done by Qin et al. [35]:
logλ = logλ∞ + log (λ0/λ∞) exp (−ε/k(σ)) (6)
where λ represents the subgrain size, λ0 is the subgrain size before creep exposure, λ∞ = 10 [Gb/σ] is the
steady-state subgrain size [35], [36] where G is the shear modulus, b is the Burgers vector, σ is the applied
stress), ε is the accumulated strain and k (σ) ≈ 0.12 is a growth constant.
Equation 6 suggests that subgrain growth requires strain and this is in agreement with results presented
in figure 5, 6 where subgrain size increases during long-term creep exposure while it is slightly affected by
the long-term aging. Equation 6 was applied in previous studies on the size evolution of subgrains during
creep of 9-12%Cr tempered martensitic steels [3], [12], [37], [38].
Note that only average values of λ and ε are used together with the macroscopically applied stress,
although local values of ε and σ may strongly differ from average ones. With λ0 = 320nm, G = 65GPa
[12], b = 0.254nm, σ = 80MPa, one finds λ∞ = 2.06µm. As the amount of strain in the homogeneously
deformed part is not known, it has to be bounded by (upper bound) the fracture strain (εf = 0.07) and
(lower bound) the strain corresponding to the minimum creep rate εmin = 0.01. A typical value could be
the strain at onset of final acceleration of creep (about 0.04 from figure 1a). By taking these three values
one finds λ = 0.729µm (ε = 0.07), λ = 0.543µm (ε = 0.04) and λ = 0.371µm (ε = 0.01) respectively. These
values have to be compared to the experimental data of figure 6 and the mean value of subgrain size in that
part of the crept specimen, namely, about 1µm for ECD and 1.26µm for D. Thus, equation 6 leads to an
underestimation of the average subgrain size after long-term creep of our specimen.
The sugrain size, λ, in equation 6 represents the mean linear subgrain intercept [35] which differs from
the subgrain diameter by a geometrical factor <1 which can be approximated from pi (D/2)
2
= Dλ, thus
λ = 0.785D. This last relation could explain the difference between the subgrain size, λ, corresponding to
ε = 0.07, predicted by equation 6 and the subgrain size experimentally evaluated (i.e. ECD=1µm).
3.2. Electron Backscatter Diffraction (EBSD) investigations
Besides TEM image analysis, SEM-BSE investigations also revealed, in a much wider field of view, a
change in the substructure of the matrix. Figure 7a compared to figure 7b. Figure 7a and the corresponding
inverse pole figure (IPF), figure 8a, show a typical tempered martensite matrix with blocks and packets in
the as received P91 steel. The BSE image and the corresponding IPF image in figures 7b and 8b reveal a
microstructure with polygonal shaped subgrains after creep.
In this study orientation imaging microscopy (OIM) with a step size of 40nm was conducted on the as
received steel and on the longitudinal cross-section of creep specimens, at 20 mm from fracture surface to
get information about the crystal orientation of subgrains similar to those observed in TEM micrographs.
Tak et al. [13] showed that high resolution OIM with a step size of 10nm can reveal features that are usually
only observed using TEM. Indeed, image quality (IQ) maps show close resemblance with TEM micrographs.
Contrast of IQ image is very sensitive to the defects in the crystal such as dislocations, boundaries. IQ
images in figures 8c and 8d reveal the existence of some subgrains with a very low misorientation angle. For
illustration the subgrains arrowed on the IQ images of figures 8c and 8d are not recognized as individual
subgrains with a specific orientation in the IPF map, this is due to a misorientation between the subgrain
and the neighbouring crystal that was lower than 2◦. This suggests that subgrains within a given martensite
lath measured on TEM images have very close crystal orientations.
Crystal orientation mapping implemented in TEM is not expected to give more accurate information
about the crystal orientation of subgrains revealed in bright field micrographs. In fact such investigations
with a step size of ∼40nm conducted on a creep-fatigued specimen revealed subgrains in bright field micro-
graph which were not revealed in the IPF map as having a different orientation reported to the neighboring
crystals [39], i.e. results similar to those presented here.
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a) b)
Figure 7: Microstructure of the as received P91 steel (left) and after creep (right), BSE images, colloidal silica polishing
4. Discussion
From the above observations, one may conclude that (i) MX precipitates did not evolve during creep or
thermal exposure, (ii) significant, but not extensive recovery occurred essentially due to temperature effect,
and (iii) subgrain growth occurred during thermal exposure but was strongly enhanced by creep.
The solid solution strengthening effect by Mo atoms was found to be negligible using Hald’s approach,
so that precipitation of Laves phases should not strongly affect resistance of this steel to creep deformation.
Note, however, that damage cavities were found (often next to Laves phases) throughout the gauge part of
the specimen [16], so that Laves phases could affect the resistance of that steel to creep fracture.
The present results also confirmed that the evolution of subgrains size is heterogeneous. The density of
mobile dislocations is hardly affected by creep; however, during thermal exposure recovery is only driven by
existing dislocations (i.e. those formed in the austenite to martensite phase transformation), whereas during
creep dislocations are continuously created and annihilated in a dynamic way.
As also found in other steels of the same family [12], [11] after quantitative study of both precipitation
and matrix evolution during long-term creep, the present study suggests that the major contribution to the
decrease in creep resistance during long-term creep exposure is subgrain growth/coarsening. Only a study
involving interrupted tests as in [12], [11], [15] could provide experimental data to separately study growth
and coarsening of Laves phases and of subgrains.
5. Conclusions
TEM results on thin foils of a P91 steel specimen crept for 113,431h at 600◦C compared to as received
and to thermally exposed samples showed that:
• No significant change occurred in the size, shape and spatial distribution of MX-type precipitates,
• The dislocation density within subgrains was reduced by about 50% after thermal exposition, and by
about 60% after creep deformation,
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• Some sub-grain growth occurred during thermal aging, much more significant and heterogeneous sub-
grain growth occurred after creep as shown both by TEM image analysis and EBSD mapping.
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a) b)
c) d)
Figure 8: Orientation imaging microscopy (OIM) images corresponding to the images of figure 7 a, b) Inverse Pole Figure (IPF)
maps with orientation of sample normal in the crystal frame as key colour c, d) EBSD Image Quality map. a, c) same area as
in figure 7a; b, d) same area as in figure 7b
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